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A study has been undertaken to examine the feasibility of using a powder metallurgy (P/M)
approach for the fabrication of an orthorhombic (O; Ti2AlNb)-based titanium aluminide
alloy intended for use as a matrix in a continuous fiber reinforced titanium matrix
composite (TMC). Spherical powder of Ti-22Al-26Nb (at%) was produced using inert gas
atomization. The atomized powder was sieved to −80 mesh (<177 µm) size fraction and
used in the fabrication of unreinforced “neat” panels via the tape casting process.
Microstructural and phase chemistry examinations of the as-produced powder, thermally
exposed powder and neat matrix were conducted using back-scatter electron scanning
electron microscope (BSE SEM) imaging, wavelength dispersive spectroscopy (WDS), and
TEM analysis. Mechanical behavior studies of the as-fabricated and heat treated neat
material included: tensile, creep and isothermal fatigue. Results obtained for the P/M-based
neat material were compared to previously obtained foil-based neat data, and to those
property requirements necessary to be considered for use as a matrix in the fabrication of
O TMCs. C© 2000 Kluwer Academic Publishers

1. Introduction
Titanium aluminide alloys based upon the orthorhom-
bic (O) phase (Ti2AlNb) have gained significant vis-
ibility as candidate matrices for continuously rein-
forced metal matrix composites over the last several
years [1–5]. These “O” alloys have demonstrated sev-
eral key performance advantages when compared to
theirα2 (Ti3Al) predecessors, including improved am-
bient and elevated temperature strength, improved
creep resistance, greater ambient temperature fracture
toughness and reduced chemical reactivity with sili-
con carbide reinforcements [6]. These advantages have
led orthorhombic titanium composites (O TMCs) to
be considered as enabling materials for next gener-
ation gas turbine engines which require significantly
improved thrust-to-weight ratios and reduced specific
fuel consumption. Indeed, rotating engine hardware
is currently being manufactured for demonstration
which incorporate O TMCs in the compressor to
take advantage of the aforementioned performance en-
hancements. Several major challenges remain how-
ever, before O TMCs can be successfully incorpo-

rated for military or commercial applications. Among
these challenges is the need for improved afford-
ability.

The costly production of orthorhombic alloys in
foil form using conventional multi-step ingot reduc-
tion practices precludes the fabrication of affordable O
TMCs. Currently, this processing route which includes
forging, repeated hot rolling and cold rolling with in-
termediate stress relief anneals, results in the cost of
orthorhombic foil being on the order of≥$700/lb. Of
course this assumes that the “O” alloy is cold rollable to
foil. Indeed, recent attempts to cold roll orthorhombic
alloys which contained higher order additions such as
Mo and Si to foil on a production mill were unsuccess-
ful [7].

The subject study begins to address the issue of
composite affordability by assessing the viability of a
low-cost powder-based (powder cost≤$70/lb.) com-
posite fabrication approach, tape casting, to produce an
orthorhombic ternary alloy with adequate mechanical
performance, so as to be considered for use as a matrix
for O TMCs.
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Figure 1 Schematic figure of gas atomization process used to produce
powders.

2. Experimental procedure
The “O” composition Ti-22Al-26Nb (at%) was selected
for the subject study based upon previous results by
Rowe [8], wherein he demonstrated that this alloy ex-
hibited the best balance of mechanical properties from
a series of ternary compositions examined in mono-
lithic form. The alloy was produced as spherical pow-
der by Crucible Research Center using inert gas at-
omization. A schematic of Crucible’s gas atomization
process is shown in Fig. 1. The nominal Ti-22Al-26Nb
composition was formulated by the use of master al-
loys and elemental additions which were melted in a
water-cooled copper crucible. During melting, the al-
loy formed a protective titanium skull that prevented the
copper tundish from reacting with the molten metal.
The liquid metal was poured through an induction-
heated nozzle and subsequently through a die, where
upon exit, the molten stream was impinged with ar-
gon gas which acted to atomize the metal into spheri-
cal droplets that were rapidly solidified. The resultant
powder was collected and sent to a cyclone separator.
Additional details regarding Crucible’s gas atomization
process can be found elsewhere [9].

The Ti-22Al-26Nb powder was screened to−80
mesh (<177 µm), to enable Atlantic Research Cor-
poration (ARC) to fabricate flat neat (unreinforced)
panels (150 mm× 230 mm× 0.5 mm) via tape casting
and hot isostatic pressing (HIP’ing).−80 mesh pow-
der is required for composite fabrication so that the
powder can fit between the fibers. In the tape casting
process, Ti-22Al-26Nb powders were mixed with an
organic binder and spread to form a green tape. Mul-
tiple tapes were stacked on top of one another and
diffusion-bonded via HIP’ing to form a neat panel.
More detailed information regarding the tape cast-
ing process is available elsewhere [10]. The HIP’ing
profile (time/temperature/pressure) used to consoli-
date the tapes into neat matrix material is shown in
Fig. 2. It was selected such that the maximum temper-
ature excursion remained below the beta solvus of the
ternary alloy in an attempt to prevent excessive grain
growth.

Figure 2 Time/Temperature/Pressure profile used in the HIP consolida-
tion of the “neat” panels.

Samples of as-produced powders and as-fabricated
neat material were analyzed for bulk composition of
major alloying elements, as well as, for interstitial con-
tent using standard wet chemistry and x-ray florescence
techniques. Back-scatter electron (BSE) imaging in the
scanning electron microscope (SEM) was conducted on
as-atomized powder surfaces, cross-sectioned powders
and consolidated neat material to elucidate microstruc-
tural details. In addition, loose powders were subjected
to the thermal cycle used to consolidate the neat mate-
rial, and subsequently examined by BSE microscopy
in an attempt to simulate microstructural evolution
during the consolidation process. Local composition
was obtained using wavelength dispersive spectroscopy
(WDS) on polished cross-sections of powder and con-
solidated neat specimens. A total of ten WDS sam-
plings were collected for each condition. TEM analy-
sis of neat material was carried out on a Philips CM200
FEG microscope. The small probe characteristics of
this instrument allow both fine and coarse microstruc-
tural features to be imaged and local phase composi-
tions to be determined. The microstructures evaluated
by TEM were related to those obtained via SEM.

A beta solvus approach curve was obtained for Ti-
22Al-26Nb using the disappearing phase technique,
wherein samples were solution heat treated for 2 hours
at systematically increasing temperatures (25◦C incre-
ments) followed by oil quenching. In addition, attempts
to validate the solvus temperature was made using
differential thermal analyses (DTA). Endothermic and
exothermic inflection points were taken from the DTA
heating (35◦C/min.) and cooling (35◦C/min.) curves,
respectively, to assess phase boundary temperatures.

Previous studies on neat foil-based Ti-22Al-23Nb
had indicated that improved levels of mechanical per-
formance could be obtained via post-consolidation
solutionizing and aging heat treatments [11]. These
improvements were observed to be related to the con-
stituency of equiaxed primaryα2 and lenticular “O”
phases. In particular, as the volume fraction of primary
α2 decreased, and correspondingly, the volume frac-
tion of the lenticular “O” phase increased, gains in ten-
sile and creep performance were observed. In a parallel
study, Graves [12] found reduced levels of room tem-
perature ductility in powder metallurgy produced neat
Ti-22Al-23Nb, which he attributed to the formation of
a continuous network of primaryα2. Therefore, in the
subject study, a series of heat treatments were developed
using the beta solvus approach curve obtained for the
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Ti-22Al-26Nb composition, with the intent of dissolv-
ing the primaryα2 phase, while producing increased
levels of the lenticular “O” phase.

Dogbone specimens measuring 101 mm (1)× 10 mm
(w) with a reduced gage section width of 6 mm formed
by a 40 mm radius were cut from neat panels using
electron discharge machining (EDM). The recast lay-
ers formed at the specimen edges during EDM were
removed by diamond polishing. All testing was per-
formed in a laboratory air environment on a hori-
zontal computer controlled servo-hydraulic MTS sys-
tem using test software described by Hartman and
Russ [13]. Loading was accomplished through the
use of precision-aligned hydraulic friction grips, while
strain was monitored by high temperature, quartz rod
extensometry. A 25 mm portion of the gage section
was uniformly heated for elevated temperature testing,
while the specimen tabs where kept nearly at room tem-
perature through the use of water-cooled grips. Heating
was accomplished via a series of quartz lamps oriented
perpendicular to the specimen, while temperature was
measured and controlled through the use of four ther-
mocouples that were welded to the specimen surface,
providing for four zones of control with two lamps per
zone. Stroke-controlled tensile tests were conducted
over the temperature interval of 23–760◦C at a constant
crosshead speed of 0.012 mm/s, resulting in a strain
rate of∼10−4/s. Test conditions (stress/temperature)
for elevated temperature creep studies were selected
to enable rupture lives not to exceed 300 hours. During
creep testing, the specimens were first heated to the req-
uisite test temperature, and were then loaded at a rate
of 50 MPa/s until the desired sustained load was ob-
tained. Isothermal fatigue testing was conducted using
a sinusoidal waveform at a frequency of 10 Hz, a stress
ratio of R= 0.1, at temperatures of 23◦C, 430◦C and
650◦C. Fractography was performed using secondary
electron imaging (SEI) via SEM on selected samples
to determine failure locations and mechanisms.

TABLE I Bulk compositions for powder and neat matrix, measured by wet chemical analysis

Al Nb C N O H
Ti22Al26Nb wt% (at%) wt% (at%) wt% (at%) wt% (at%) wt% (at%) wt% (at%)

Powder 10.2(20.8) 43.6(25.8) 0.036(0.16) 0.009(0.04) 0.086(0.30) 0.003(0.14)
Neat 10.4(21.3) 44.4(26.3) 0.050(0.23) 0.006(0.02) 0.108(0.37) 0.002(0.11)

Figure 3 BSE images of the as-atomized powder surface for Ti-22Al-26Nb.

3. Results and discussion
3.1. Compositional and microstructural

analysis
Bulk compositional analysis for the Ti-22Al-26Nb al-
loy in −80 mesh (<177µm) as-produced powder and
as-consolidated neat matrix forms are shown in Table I.
The measured levels for the main alloying elements (Al,
Nb) were found to be very close to the desired nominal
values. However, there was one noteworthy trend ob-
served for the interstitial results for O and C. The O and
C levels were seen to increase when going from loose
powder to neat matrix form. This result may be due
to two factors: 1) small amounts of organic binder left
from the tape casting process (O, C); and 2) absorption
of O during subsequent HIP’ing of the panels. Regard-
less of the mechanism responsible for the observed in-
creases in interstitial content, their levels likely played
a role in both the microstructural development and me-
chanical performance of the alloys, as will be discussed
later.

Fig. 3 shows a BSE image of the as-atomized powder
surface. It can be noticed that a dendritic cellular net-
work has formed upon solidification. The scale of this
network was influenced by the solidification rate of the
individual powders, which in turn was dependent upon
the powder diameter. Rapid solidification during gas at-
omization from the molten state results in a metastable
structure, which for a similar “O” alloy made using
gas atomization, was determined to be entirely retained
beta [9].

BSE images of the powder cross-sections after ex-
posure to the neat matrix thermal consolidation cycle
are displayed in Fig. 4. Considering the ternary phase
diagram of Rhodes [14], compositional and contrast
analyses indicated that the microstructure consisted of
three phases: a dark equiaxed phase, alpha-2 (α2; Ti3Al;
HCP/DO19); a light gray lenticular phase, orthorhombic
(O; Ti2AlNb); and a white continuous phase, beta (β0/β;
BCC). The alpha-2 and orthorhombic phases have been
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Figure 4 BSE image of the powder cross-section after exposure to the
neat matrix thermal consolidation cycle.

shown to be ordered in similar alloy compositions.
However, depending on the Al content of the beta phase,
it has been observed to be present in both ordered (β0) or
disordered (β) forms [14]. Hence, the beta phase will be
referred to asβ/β0 until results discussing TEM diffrac-
tion studies and phase composition are presented.
The morphological arrangement of the phases which
evolved in the thermally exposed powders seemed to
correspond to the dendritic network previously ob-
served for the as-atomized powders. This dendritic net-
work, which formed a cellular pattern on the order of
10–20µm, evolved into a semi-contiguous necklac-
ing of primary equiaxedα2 grains in the thermally ex-
posed powder, which appeared to form at the previous
cell boundaries. Conversely, the cell interiors of the
as-atomized powder, evolved into a mixture of coarse
lenticular “O” phase platelets surrounded by continu-
ous beta (β/β0) phase, for the thermally treated powder.

Fig. 5 contains BSE images of the as-consolidated
neat matrix microstructure. This microstructure con-

Figure 5 BSE images of the as-consolidated neat matrix microstructure
for tape cast Ti-22Al-26Nb.

TABLE I I Local compositions in microstructure determined by WDS
microprobe analysis

Location in
Material Microstructure Al (at%/σn) Nb (at%/σn)

As-Atomized Center 20.3/0.5 30.6/1.0
Powder Boundary 24.1/0.4 21.1/1.0

Heat-Treated O+β0/β 21.4/0.2 27.3/0.2
Powder α2 Region 25.2/0.3 16.0/1.0

Neat Matrix O+β0/β 21.0/0.1 28.4/0.2
α2 Region 25.1/0.1 16.3/0.4

tained the same three phases as found in the thermally
exposed powder, with an essentially analogous phase
arrangement. Again, the primaryα2 formed a semi-
contiguous network, while “O” platelets precipitated
within the β/β0 matrix. Thus, the origin of the as-
consolidated neat matrix microstructure, like that of
the thermally treated powders, could be traced to the
cellular dendritic structure found in the as-atomized
powders.

The explanation for the aforementioned microstruc-
tural evolution can be found by examining the lo-
cal composition of the alloy. The WDS microprobe
data for the three conditions discussed above (i.e. as-
atomized powder, thermally exposed powder, and as-
consolidated neat matrix) is shown in Table II. The data
was collected from two regions for each condition. For
the as-atomized powder, data was taken from both the
centers of the cellular regions, as well as, at the cell
boundaries. Data for the thermally exposed powder and
the as-consolidated neat matrix conditions were taken
from theα2 and O+β/β0 regions. The cell interior of
the as-atomized powders was found to be rich in Nb and
lean in Al. Conversely, the cell boundaries were rich in
Al and lean in Nb. These observations were consistent
with constitutional supercooling of the molten droplets
during gas atomization. Under these conditions, the last
liquid to solidify at the cell boundaries was high in Al.
The interior of the cellular regions which contained
high levels of Nb, tended to precipitate lenticular “O”
platelets from within theβ/β0 phase upon thermal ex-
posure. This was consistent with Nb being a stabilizer
of the “O” andβ/β0 phases. Conversely, those regions
high in Al tended to form the primaryα2 phase upon
thermal exposure, once again consistent with Al be-
ing a particularly strongα2 stabilizer [15]. The end
result is a neat matrix microstructure previously shown
in Fig. 5, which consists of a semi-contiguous network
of primaryα2 and regions of “O” platelets in aβ/β0
matrix.

The “O” platelets were too fine in scale to enable the
“O” and β/β0 chemistries to be separately discerned
by the microprobe. However, transmission electron mi-
croscopy (TEM) elemental analysis provided a higher
spatial resolution, isolating the individual phase com-
positions in the neat material. Here, phase morphology,
composition and degree of order were examined. A typ-
ical bright field TEM microstructure for the ternary al-
loy is shown in Fig. 6. Several large, interconnected
α2 grains are labeled here. Unlike similar areas im-
aged in the SEM, these grains were observed to exhibit
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Figure 6 Bright field TEM image showing different phases present in tape cast Ti-22Al-26Nb.

extensive faulting. A region ofα2 surrounds a large do-
main of coarse O+β/β0 which was easily identified
with like areas in the SEM image in Fig. 5. A signifi-
cant amount of blocky “O” phase was also present along
the O+β/β0 domains. The nature of order in the beta
phase matrix can be determined from the selected area
diffraction (SAD) pattern in Fig. 7. The [001] crystal-
lographic orientation of the beta matrix is aligned with
the electron beam direction. In this zone axis orienta-
tion, the (110), (200) and (020) reflections are present,
consistent with the disordered beta structure. The ab-
sence of{100} type reflections also excludes assigning
the orderedβ0 or B2 structure for this phase.

Table III displays the compositional analysis of
the individual phases in the as-consolidated neat ma-
trix condition as determined by energy dispersive

TABLE I I I Compositions of phases in as-consolidated neat matrix
obtained via TEM EDS analysis

Al Nb
Phase (at%/σn) (at%/σn)

β 8.7/1.0 43.0/1.6
O 24.5/0.6 25.5/0.4
α2 24.4/0.2 16.6/0.1

Figure 7 Selected area diffraction (SAD) pattern for as tape cast
Ti-22Al-26Nb.

x-ray spectroscopy (EDS) in the TEM. Here, a well-
characterized ternary Ti-Al-Nb alloy standard was used
in the quantitative EDS analysis. It can be observed
that the Al content of the beta phase was on the
order of 8.7 at%. Rhodes [14] had previously observed
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Figure 8 Strain to failure as a function of temperature for as-
consolidated alloys.

for similar “O” alloys that when the Al content was
≤ ∼12 at%, the beta phase tended to disorder, which is
consistent with the SAD results. Henceforth, the beta
phase in the present study will be referred to as disor-
dered beta (β).

3.2. Mechanical properties-as fabricated
3.2.1. Tensile ductility
Fig. 8 displays the strain-to-failure for the neat Ti-22Al-
26Nb in the as-fabricated condition as a function of
temperature from 23–760◦C. Also included for com-
parison is foil-based neat Ti-22Al-26Nb data from Ash-
baugh [16]. Previous studies of SiC reinforced titanium
alloys had indicated a minimum requirement for matrix
room temperature ductility of approximately 2.5–3.0%
in order obtain rule of mixtures tensile strength in the
composite [17]. This minimum ductility requirement
is needed to accommodate two factors: 1) the tensile
residual stress in the matrix, which arises during com-
posite fabrication due to the difference in coefficient of
thermal expansion between the matrix and fiber; and
2) the elastic strain needed to load the fiber to its max-
imum strain capability. It can be noticed that the P/M
Ti-22Al-26Nb alloy in the as-fabricated condition did
not satisfy this room temperature ductility requirement,
exhibiting strain-to-failure value of 1.1%. This result is
in contrast to that for the Ti-22Al-26Nb foil-based com-
position, which exceeded the room temperature ductil-
ity requirement, averaging∼5.0%. The reason for the
higher ductility in the latter was most likely the re-
sult of the thermomechanical processing the foil-based
composition underwent to produce 0.13 mm thick foil,
which was used in the fabrication of the neat matrix.
During processing to foil, the Ti-22Al-26Nb alloy un-
dergoes significant hot and cold working, such that both
microstructural and crystallographic texturing can oc-
cur [18]. It is probable that one or both forms of tex-
turing may be responsible for the high levels of room
temperature ductility observed in the foil-based alloy.
Unfortunately, one limitation of the powder-based ap-
proach is the insignificant amount of hot/cold work in-
troduced into the matrix during HIP’ing, and thus, little
to no microstructural and/or crystallographic texturing
of the matrix. Both the powder-based and foil-based
systems showed consistent ductility behavior with tem-

perature, such that a maximum ductility was observed
at intermediate temperatures (i.e. 240–450◦C), while
at higher temperatures, the ductility decreased. The in-
crease at intermediate temperatures was most likely the
result of increased number of slip systems being acti-
vated for the primaryα2 phase [19]. The decrease in
ductility at high temperatures was most likely due to
interstitial embrittlement of the matrix. Cerchiara [18]
had demonstrated that interstitial embrittlement of this
nature can occur very rapidly at elevated temperature
in orthorhombic-based titanium aluminides.

It is assumed that the ductility of theβ phase is pri-
marily responsible for the ductility of the three phase Ti-
22Al-26Nb system at ambient temperature. This pos-
tulation is based upon the limited slip character of the
α2 and “O” phases at room temperature. As previously
noted, the beta phase was found to be disordered in
the Ti-22Al-26Nb powder-based alloy. Therefore, one
might have expected the alloy to have exhibited rea-
sonable levels of low temperature ductility. However,
the alloy demonstrated only 1.1% strain-to-failure at
room temperature. One plausible explanation for this
low ductility in light of the beta phase disordering may
be the high levels of Nb present in theβ phase. It can be
noticed in Table III that theβ phase contained 43 at%
Nb. This high level of Nb may have acted to solid so-
lution strengthen the alloy to such an extent that its
ductility was adversely affected.

An additional explanation for the limited ductility of
the P/M system at room temperature might be attributed
to the presence of the aforementioned semi-contiguous
network of the primaryα2 phase. Fig. 9 contains BSE
image of the Ti-22Al-26Nb fracture surface after tensile
testing at room temperature. It can be seen that the frac-
ture path was through thisα2 network. Previous studies
had indicated that theα2 phase exhibited poor ductility
at or near ambient temperature [19]. This was attributed
to the anisotropy of slip associated with the DO19 struc-
ture. Slip of〈a〉-type dislocations was observed to oc-
cur relatively easily on the prism plane, while〈c+a/2〉
slip was very difficult. As a result, large incompatibility
stresses can build up atα2/α2 interfaces causing brittle
fracture and reduced strength values. At elevated tem-
peratures, additional〈c+a/2〉 slip can occur, resulting
in increased ductility.

Figure 9 BSE images of the Ti-22Al-26Nb alloy after tensile testing at
room temperature.
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Figure 10 BSE images of the neat matrix microstructure for heat treated
foil based Ti-22Al-26Nb.

Additionally, a modest amount of porosity was noted
during metallographic preparation and fractography.
This porosity, most likely due to incomplete consolida-
tion during the HIP’ing process, has a detrimental effect
on all mechanical properties, particularly ductility and
fatigue, due to the associated stress concentration.

The Ti-22Al-26Nb foil-based microstructure is
shown in Fig. 10. One very noticeable difference
compared to the powder-based microstructure is the
elongation of the primaryα2 phase. During hot and cold
rolling α2 gets severely microstructurally textured. In
addition, crystallographic texturing of theβ phase has
also been reported [20]. The individual effects of the mi-
crostructural and crystallographic texturing on tensile
ductility have not been clearly defined to date. How-
ever, in neat Ti-22Al-23Nb, unidirectional cold rolling
produced significant anisotropy with over 10% room
temperature strain-to-failure reported in the direction of
cold rolling and only∼2% in a direction perpendicular
to the cold rolling direction [21]. Therefore, in compos-
ite construction for foil-based systems, one needs to pay
particular attention to make certain the fiber direction
is coincident with the cold rolling direction of the foil,
in order to maximize fiber loading capabilities of the
matrix. In addition, no assessment of short transverse
(i.e. through-thickness) ductility has been measured for
foil-based “O” matrices. It is certainly possible that the
elongatedα2 phase which forms a continuous stringer,
may result in poor through-thickness strain-to-failure
values.

3.2.2. Creep
Fig. 11 displays the elevated temperature creep re-
sponse as stress versus a Larson-Miller Parameter
(LMP) at a creep strain of 0.24% for both the pow-
der and foil-based alloys [16]. A least squares fit to the
foil data yields a creep response which is significantly
higher than the P/M alloy. Again, the most likely ratio-

Figure 11 Stress as a function of Larson-Miller parameter (LMP) for
0.24% strain.

nale for this is the contiguous nature of theα2 phase in
the P/M system. Banerjee [15] had previously shown
that single phaseα2 was inferior to single phase “O”
in creep resistance. Therefore, the contiguous nature
of theα2 provides for a preferred low creep resistant
fracture path. In addition, previous studies for the Ti-
22Al-23Nb foil-based system indicated that like strain-
to-failure, microstructural and/or crystallographic tex-
turing had a measurable effect on creep behavior [22].
Therefore, it is possible that texturing of the foil-based
alloy may have contributed to the differences between
the two systems in creep response.

3.2.3. Fatigue
Isothermal fatigue tests were conducted at three differ-
ent temperatures (23◦C, 430◦C, and 650◦C) to gener-
ate the stress-life (S-N) curves for the Ti-22Al-26Nb
powder-based neat matrix alloy. Some amount of scat-
ter was observed in the results, largely due to mate-
rial defects that had a considerable influence on fatigue
life. The data from obviously flawed samples were dis-
carded based on SEM observations of the fracture sur-
faces. Fig. 12 depicts the trend in fatigue life as a func-
tion of temperature, based on the best-fit S-N curves,
at a constant maximum stress (σmax= 550 MPa) and
R= 0.1. In addition, neat matrix data from foil-based
Ti-22Al-26Nb is shown for comparison [16]. There
was a weak trend in the powder-based matrix for an

Figure 12 Fatigue as a function of temperature for tape cast, tape cast
and heat treated, and foil based Ti-22Al-26Nb.
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improvement in fatigue resistance at the intermediate
temperature, 430◦C, with a more significant reduction
at 650◦C. The increase in life at intermediate temper-
atures for the powder alloy may have been the result
of an increase in ductility, (>5% at 430◦C compared
to 1.1% and 2.4% at 23◦C and 650◦C, respectively).
There was, however, no drastic change in the fracture
behavior at the intermediate temperature. Fracture typi-
cally occurred by cleavage within theα2 with more
tortuous, transgranular fracture observed in the O+β
regions. The decrease in life at 650◦C was likely the
result of environmental degradation via interstitial em-
brittlement. Specimens tested at 650◦C contained clear
indications of an embrittled surface layer (Fig. 13) that
may have aided crack initiation and propagation. The
fatigue lives associated with the powder-based matrix
was clearly inferior to that observed for the foil-based
system. The rationale for this debit was thought to be
attributable to internal defects found in the powder-
based matrix. Fig. 14 shows a fatigue initiation site
associated with internal porosity. This porosity in turn
was attributable to incomplete consolidation of the neat
matrix during HIP’ing. The porosity acts as an area of

Figure 13 Typical embrittled surface layer.

Figure 14 Fatigue initiation at internal porosity.

Figure 15 The β0 solvus approach curve as determined by the disap-
pearing phase technique.

increased stress concentration and a site for premature
initiation. The end result being reduced fatigue perfor-
mance.

3.3. Heat treated microstructure and
mechanical properties

3.3.1. β solvus determination
Fig. 15 contains theβ solvus approach curve as de-
termined for the powder-based Ti-22Al-26Nb alloy by
the disappearing phase technique. It can be noticed that
the β solvus temperature is approximately 1125◦C.
Table IV contains theβ solvus temperature as deter-
mined by DTA. As can be seen, transus temperatures
ascertained from the heating and cooling data matched
rather closely and were in good agreement with the val-
ues determined by the disappearing phase technique.

3.3.2. Preliminary heat treatments
Heat treatments were undertaken for the powder alloy
in an attempt to dissolve as much of theα2 phase as
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TABLE IV The β0 solvus temperatures as determined by DTA and the disappearing phase approach

β0 solvus (◦C) β0 solvus (◦C) β0 solvus (◦C) β0 solvus (◦C)
Alloy DTA (Heating) DTA (Cooling) Disappearing Phase Used in Study

Ti-22Al-26Nb 1121 1118 1125 1125

TABLE V Preliminary heat treatments used to dissolveα2 phase

Alloy Heat Treatment

Ti-22Al-26Nb 1100◦C/24 hrs cool @ 5◦C/m to 815◦C/8 hrs/FC
Ti-22Al-26Nb 1150◦C/10 mins cool @ 5◦C/m to 815◦C/8 hrs/FC

possible, while limiting the growth of the beta grain
structure. Thus, heat treatments were conducted for
each alloy that incorporated both sub-solvus (β solvus-
25◦C) and super-solvus (β solvus+ 25◦C) solutioniz-
ing followed by direct cooling (5◦C/min) to a constant
stabilization aging treatment (815◦C/8 hrs). The pre-
liminary heat treatments utilized are shown in Table V.
It should be noted the heat treatments were selected to
be compatible with (and possibly incorporated into) the
consolidation cycle for the manufacture of fiber rein-
forced O TMCs. As such, the cooling rate was limited
to 5◦C/min, which corresponds to the maximum rate
which can be obtained in the fabrication of an O TMC
component incorporating large tooling in a HIP’ing op-
eration [23]. In addition, the cooling rate is also limited
during manufacturing in order to prevent component
distortion due to mismatch in coefficient of thermal
expansion (CTE) between the fiber reinforcement and
the “O”-based matrix. The time at solution temperature
varied significantly depending upon whether the ther-
mal treatment was sub-solvus or super-solvus. Times
for super-solvus solutionizing were kept very short (i.e.
≤10 minutes) to minimize prior beta grain growth and
dissolution of carbon from the SiC reinforcements.

3.3.3. Microstructure
Fig. 16 contains BSE images for the powder-based alloy
after being subjected to the preliminary sub-solvus and
super-solvus heat treatments. It can be noticed that the
volume fraction of the primaryα2 phase has decreased
(10.4–12.3%) as compared to the as-consolidated con-

Figure 16 BSE images of neat material after being subjected to the preliminary sub-solvus (a) and super-solvus (b) heat treatments.

TABLE VI Ef fect of preliminary heat treatment onα2 content

Alloy Condition Vf α2 (%)

Ti-22Al-26Nb As-Consolidated 17.1
1100◦C/24 hrs cool @ 5◦C/m 12.3

to 815◦C/8 hrs/FC
1150◦C/10 mins cool @ 5◦C/m 10.4

to 815◦C/8 hrs/FC

dition (17.1%) with the super-solvus treatment yield-
ing even lower levels (Table VI). The sub-solvus and
super-solvus heat treatments both resulted in signif-
icant coarsening of the O+β structure, as well as,
some growth of prior beta grain structure. In addition,
the super-solvus solutionizing and slow cooling has re-
sulted in the decoration of the priorβ boundaries with
a continuous network ofα2 and/or “O”.

3.3.4. Heat treatment selection
Room temperature tensile properties (Table VII) were
determined for the powder alloy after being subjected
to the aforementioned preliminary heat treatments. The
first criterion used to select those heat treatments for fur-
ther mechanical property characterization was that of
room temperature strain-to-failure. As was previously
noted, a minimum room temperature strain-to-failure of
∼2.5–3.0% is required in the matrix to overcome ten-
sile residual stresses due to CTE mismatch and to fully
load the SiC reinforcement, thereby enabling rule-of-
mixtures tensile strengths to be obtained in the compos-
ite. It can be noticed that both the sub-solvus and super-
solvus heat treatments resulted in improved levels of
room temperature ductility for the powder-based neat
Ti-22Al-26Nb. In fact, the sub-solvus strain-to-failure
(2.8%) now falls within the range of that required to be
considered for a composite matrix.
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TABLE VI I Ef fect of preliminary heat treatment on room temperature tensile properties

Alloy Condition UTS (MPa) YS (MPa) %El Mod (GPa)

Ti-22-26 As-Consolidated 921 845 1.1 121
Sub-Solvus∗ 881 658 2.8 122
Super-Solvus 858 601 2.3 121

∗Selected for further mechanical properties evaluation.

Figure 17 Ultimate tensile strength as a function of temperature for Ti-
22Al-26Nb alloy in as-consolidated, consolidated plus heat treated, and
foil processed conditions.

Based upon the room temperature strain-to-failure
results for the sub-solvus heat treatment, it was selected
for further investigation of tensile, fatigue and creep
performance.

3.3.5. Heat treated tensile properties
The room temperature strain-to-failure for the heat
treated powder-based neat Ti-22Al-26Nb is shown in
Fig. 8. The increase in ductility occurred only at room
temperature, where the higher strain-to-failure is nec-
essary to fully load a composite. At higher tempera-
tures, the heat treatment produced no increase in duc-
tility. Fig. 17 contains the UTS versus temperature for
the powder-based and foil-based Ti-22Al-26Nb alloys.
It can be noticed that the sub-solvus heat treatment
has resulted in a slight debit in UTS compared to the
as-fabricated condition for the powder-based system
at temperatures<540◦C. It can been seen, comparing
Fig. 5 and Fig. 16a, that the scale of the sub-solvus mi-
crostructures (α2 grain size, O platelet size, and O+β
colony size) increased dramatically compared to the
as-consolidated condition. For the sub-solvus condi-
tion, the α2 grain size increased from∼2–3 µm to
∼10 µm, while the number ofα2 grains correspond-
ingly decreased resulting in a reduced volume fraction
of primary α2 (17.1% down to 12.3%). Additionally,
this decrease in the number of primaryα2 grains, which
had been effectively acting to “pin” the O+β colonies,
enables additional growth of these colonies during heat
treatment (∼10 µm up to∼25–50µm). The combi-
nation of the larger grain and colony sizes were most
likely responsible for the reduction in UTS observed at
lower temperatures due to Hall-Petch considerations.

It can also be noticed that the foil-based alloy demon-
strates a consistent 80–120 MPa increase in UTS com-

pared to the powder-based system. Although the mi-
crostructure of the foil-based alloy was not the subject
of the present investigation, it appears as though mi-
crostructural and/or crystallographic texturing of this
alloy during hot and cold rolling to foil, may have con-
tributed to its increased levels of strength.

3.3.6. Heat treated creep properties
The creep performance of the heat treated powder-
based neat Ti-22Al-26Nb is shown in Fig. 11 in addition
to the as-fabricated powder-based and foil-based Ti-
22Al-26Nb alloys in terms of stress versus a Larson-
Miller parameter at a creep strain of 0.24%. Although
limited data was collected on the sub-solvus heat treated
powder-based alloy, it can be noticed that the heat treat-
ment significantly improved the creep resistance com-
pared to the as-fabricated condition. In fact, the creep
performance of the heat treated powder alloy is now
very similar to that for the foil-based material. This in-
crease in creep resistance is most likely the result of
two factors: 1) increased levels of lenticular “O” phase,
accompanied by decreased levels of equiaxed primary
α2; and 2) increased grain and colony sizes.

3.3.7. Heat treated fatigue properties
The effect of the heat treatment on the fatigue per-
formance of the powder-based Ti-22Al-26Nb alloy is
shown in Fig. 12 and compared to the foil-based Ti-
22Al-26Nb system, as cycles to failure versus temper-
ature at a maximum stress of 550 MPa,R= 0.1 and
a frequency of 10 Hz. There appeared to be a slight
debit in fatigue life associated with the sub-solvus heat
treatment, when compared to the as-fabricated condi-
tion for the powder alloy, particularly at higher tem-
peratures. This decrease may be associated with the
increased levels of lenticular “O” phase and decreased
levels of equiaxed primaryα2. Previous studies [24]
on Ti-22Al-23Nb in monolithic form, indicated that
increasing the lenticular “O” phase content at the ex-
pense of equiaxedα2, resulted in a less fatigue ini-
tiation resistant microstructure. With the internal de-
fects present in the powder-based matrix (including the
aforementioned porosity) providing for higher stress
concentration sites, reducing the fatigue initiation re-
sistance of the microstructure may have enabled pre-
mature initiation compared to the as-fabricated condi-
tion. Therefore, the internal defects associated with the
powder-based material results in significantly lower fa-
tigue lives when compared to the foil-based system.

4. Conclusion
The subject study has demonstrated that an orthorhom-
bic-based titanium aluminide alloy, Ti-22Al-26Nb
(at%) can be gas atomized into spherical powder form
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with good control of both the main alloying constituents
and interstitial elements. Upon solidification during the
atomizing process, microsegregation of Al occurs in the
dendritic boundaries such that they are rich in Al and
lean in Nb. Consolidation of tape cast green tapes via
HIP’ing into neat (unreinforced) material, results in a
three phase microstructure: “O”,β andα2. The phases
are present as a lenticular “O” platelets (ordered), in
aβ matrix (disordered), with a contiguous network of
primary α2 (ordered) being formed in the Al-rich re-
gions as a result of the microsegregation in the starting
powder. This contiguous network of primaryα2 with
its limited slip characteristics is predominantly respon-
sible for the low room temperature ductility (∼1%) ob-
served in the as-consolidated neat material. This duc-
tility is significantly less than that required for use as
a matrix material (∼2.5–3.0%) in the formulation of a
SiC fiber reinforced metal matrix composite necessary
to overcome the mismatch in fiber and matrix CTE,
and to fully load the fiber to its maximum strain ca-
pability. Solution heat-treating below theβ-solvus and
direct aging, results in increases in room temperature
ductility (2.8%) into the range requisite for a composite
matrix. In addition, the creep performance of the heat
treated matrix is improved to levels commensurate with
those found in foil-based versions of the Ti-22Al-26Nb
alloy due to increases in lenticular “O” phase and de-
creases in equiaxedα2. Isothermal fatigue performance
of the powder-based alloy, in both the as-consolidated
and heat treated conditions, was significantly lower than
those found in the foil-based system. This debit is most
likely the result of internal defects including porosity
due to incomplete consolidation.

Hence, it would appear that a heat treated version of
the P/M-based Ti-22Al-26Nb matrix would be viable
for composite fabrication in terms of both matrix duc-
tility required to fully load the continuous SiC fiber,
and matrix creep resistance. It should be noted how-
ever, that carbon dissolution from the SiC fiber coating
may occur during heat treatment, which could poten-
tially reduce the matrix ductility below requisite levels.
In addition, internal defects present in the P/M-based
matrix may act as stress concentration sites and pro-
vide for early crack initiation. However, this latter is-
sue may be mitigated to some degree, if a significant
portion of the composite’s fatigue life were to be spent
in crack propagation (i.e. due to fiber bridging). Fur-
thermore, it may be possible to use the P/M-based Ti-
22Al-26Nb as a precursor for wire or foil production as
a means to eliminate costly ingot reduction practices. In
this instance, significant amounts of cold work would
be expected to produce increases levels of ductility
due to microstructural and/or crystallographic textur-
ing. However, it would be important to assess possible
anisotropy in mechanical behavior due to this texturing.
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